Introduction
Globally, the use of circulating fluidized bed boilers (CFBs) is increasing due to the technique's ability to handle challenging fuels while maintaining acceptable emission levels. The performance of the CFB cyclones is decisive for the CFB boiler functionality, and the condition of the often non-cooled alloy cyclone vortex finders (VFs) is in turn critical for the functionality of the cyclones. One of the major challenges in limiting the overall energy conversion cost for co-and wastefired CFB boilers is to limit the maintenance cost for the often shortlived VFs. To be able to increase the service life of the VFs, it is crucial to develop a mechanistic understanding of the alloy degradation process for this specific application. A literature survey showed that very little work has been done in terms of studying material degradation in non-cooled CFB applications.
In previous work, Hagman et al. (2017) [1] studied five alloys spanning in composition from approximately 11% to 74% (by weight) in nickel and between 16% and 25% in chromium for their potential use in a VF application. All alloys were exposed for one year, and one alloy (253 MA) was additionally exposed for two years, at 880°C in a fullscale co-fired 50 MWth CFB boiler. The results describe alloy performance and cost-efficiency, ranking the alloys in the following order (from best to worst): 1) alloy 600 (74Ni-16Cr); 2) alloy 310S (20Ni-25Cr); 3) alloy 253 MA (11Ni-21Cr) and alloy 800 (30Ni-21Cr); and 4) alloy DS (36Ni-18Cr). This work also shows that the alloys' initially chromium rich and protective oxide layers are especially short-lived in areas exposed to direct impaction of condensed particles. The rapid breakdown of the protective oxide scale makes the intrinsic properties of the alloy increasingly important, not only when it comes to the ability to regenerate damaged oxide layers, but also when it comes to alloy bulk interactions with elements such as nitrogen, sulfur, and chlorine in the flue gas and ash.
In the present work, which is a continuation of the previous alloy selection study [1] , the degradation of alloy 310S, alloy 800H/HT, and alloy 600 has been studied more closely, mainly via a high sensitivity SEM-EDS setup, with the overall aim to elucidate key mechanisms of alloy degradation and to enable qualified alloy selection for CFB VF applications.
Some mechanistic issues and previous work
The mechanisms involved in the degradation of materials can be divided into at least four "groups". The first group, surface interactions, includes reactions at the gas/material interface such as oxidation, chromate formation, and the formation of, for example, volatile chromium species. The second group of mechanisms comprises the breakdown of species at the surface resulting in an uptake of elements, e.g., atomic nitrogen, carbon, and sulfur, that can enter the alloy matrix. The third group of mechanisms includes the reactions between alloy constituents and elements that have entered the metal. This third group is generally controlled by the solubility and relatively slow diffusion in condensed matter. As the degradation continues, and as the integrity of the alloy is compromised, the fourth group of mechanisms is enabled as cracks and pores allow rapid mass transport of molecular species that are no longer limited by solid diffusion.
Chemical equilibrium From a chemical equilibrium perspective, in atmospheres with excess O 2 together with CO 2 , H 2 O, and N 2 at 880°C neither chlorides, carbides, nitrides, nor sulfides should form due to the superior stability of the oxides. However, in areas subjected to various slipstreams in the gas phase, in areas covered with a layer of condensed particles, or in areas subjected to aggressive erosion/abrasion a large variety of reactions in "local equilibriums" can occur.
Previous work Hagman et al. (2017) [1] concluded that no available research addressed alloy degradation in VF applications explicitly, but that works addressing mechanisms relevant to the VF degradation could be found. A selection of these works is summarized below.
Scale defects, diffusion, and pore formation Pilling and Bedworth (1923) [2] described the principle that the volume change in the conversion from metal to corrosion product affects the protective properties of the surface layers that are formed due to the formation of pores or excessive stress. Kofstad (1985) [3] elaborated on Pilling and Bedworth's conclusions in order to explain how stress in corrosion products can form pores and micro-channels that reduce the protective properties of the surface layers. Smigelskas and Kirkendall (1947) [4] concluded that all elements have their specific diffusion rate in a given matrix, and thus voids can form in multicomponent alloys as a result. Wagner (1954) [5] found that the rate of oxidation was governed by the diffusion of oxide formers to the alloy surface. Herzig and Mishin (2005) [6] summarized alloy diffusion data from multiple sources, showing that the self-diffusion rate in alloys is 4 to 5 orders of magnitude higher in grain boundaries (GBs) than in surrounding crystals. Mehrer (2005) [7] pointed out that C, N, and O diffuse via the significantly faster interstitial diffusion mechanism compared to the metal's vacancy-driven self-diffusion.
Vaporization Gulbrandsen and Andrew (1957) [8] concluded that the rate of Cr oxidation of a non-alloyed Cr sample in an H 2 O-containing atmosphere was on par with the rate of Cr vaporization at 950°C due to the formation of volatile Cr species. Asteman et al. (1999) [9] suggested that the dominating species responsible for Cr evaporation from Cr-Fe-Ni alloys was CrO 2 (OH) 2 in systems with a significant amount of H 2 O present. Lee and McNallan (1987) [10] reported rapid oxidation of Ni as a result of a Cl-containing high-temperature environment and described how NiCl 2 (g) formed at the scale/metal interface and reformed as illadhering spherical NiO (s) particles in the outer part of the NiO scale. Grabke et al. (1991 Grabke et al. ( -1995 [11, 12] later described this phenomenon also for Fe.
Nitrides and carbides Zeng and Young (1994) [13] studied alloys in CO-CO 2 -N 2 atmospheres to clarify the behavior of alloy corrosion in a combined oxidizing, carburizing, and nitriding environment. In the case of CO-CO 2 exposure of pure Cr, the formation of an external Cr 2 O 3 layer and a porous sublayer consisting of a mix of Cr 2 O 3 and Cr 7 C 3 was observed. When N 2 was also added (CO-CO 2 -N 2 ) an additional layer of dense Cr 2 N formed closest to the metal substrate. Grabke et al. (2003) [14] studied the corrosion behavior of alloys in an NH 3 -H 2 O mixture, and they observed that the ammonia caused the formation of porous oxide layers that accelerated nitrogen pickup and precipitate growth, which in turn led to the buildup of stress and metal crack formation.
Sulfides and sulfates Lillerud and Kofstad (1984) [15] studied sulfate-induced corrosion of nickel in a controlled O 2 -SO 2 /SO 3 atmosphere. When the partial pressure of SO 2 /SO 3 was below the critical partial pressure of melt formation, the addition of Na 2 SO 4 reduced the corrosion rate and acted as a protective layer (below the melting temperature of 884°C), resulting in a lower corrosion rate as compared with Ni exposed to only O 2 and SO 2 /SO 3 . Andersen and Kofstad (1995) [16] studied scale formation on un-alloyed chromium in SO 2 -O 2 -containing atmospheres in the temperature interval 600-1000°C, and they concluded that all exposures involved the formation of Cr 2 O 3 and that sulfides were present at the metal-scale interface after all exposures. However, no exposure was reported to lead to the accelerated corrosion of the chromium. Additionally, they noted that the formation of chromium sulfides might result in the loss of the protective properties of alloys depending on the formation of Cr 2 O 3 because the chromium supply is reduced by the sulfide formation. Norton J.F. et al. (1990) [17] exposed alloys containing iron, nickel, chromium, and silicon to a sulfurizing environment. They concluded that a chromium oxide scale provides a good measure of protection against sulfur attack and that this protection can be improved further via a rich addition of Si in the alloy, which leads to the incorporation of silicon oxides in the protective scale. Goebel et al. (1973) [18] studied sodium sulfate-induced corrosion on various Ni-based metals, including Ni-Cr alloys in an O 2 atmosphere. They observed that the molten sulfate layer on top of the chromia layer dissolved chromium oxide (resulting in what were assumed to be chromates), that sulfur diffused into the underlying metal, and that the short-term weight change of the Ni-Cr alloy samples was lowered with a Na 2 SO 4 layer on top compared to an exclusively oxidizing atmosphere. Impaction Huttunen-Saarivirta et al. (2011) [19] studied the particle impact conditions and temperature on erosion-enhanced oxidation of steel at temperatures within the interval of 350-650°C, including austenitic FeCr-Ni alloys. Tylczak (2013) [20] compared the erosion-corrosion behavior of iron and nickel-based alloys in combustion gas and air environment at room temperature and at 700°C, exposing sample plates to 270 μm diameter 20 m/s silica particle impaction. He showed that while the particle impaction of 20 m/s did not remove the oxide layer, it could cause major oxide scale crack formation and scale segregation from the underlying alloy, leading to a major increase in the corrosion rate and mass loss.
Experimental and methods
The present work is based on a number of sample exposures and observations. A combination of several analytical techniques was used to maximize the relevant information while simultaneously trying to minimize the amount of auxiliary data generated. Therefore, not all techniques were used for all samples.
Experimental setup
The Perstorp CFB co-combusts waste-derived fuels (mainly slaughterhouse waste, forest residues, refuse wood, and peat) according to the EU waste directive [21] . Fig. 1 summarizes the boiler layout.
Hot rolled, solution annealed, and descaled sample plates of alloys 310S, 800H/HT, and 600 were each cut in two pieces (Table 1) . One piece of each alloy was kept in a pristine state for use as the reference sample in the analysis of the alloy breakdown mechanisms. The other pieces of the alloy plates were welded to the most heavily affected section of the right VF (Fig. 1B) and exposed during 8000 h of boiler operation before removal for sample preparation and analysis. The exposed sample plates all had the same original width (280 mm) and height (120 mm). 310S had a thickness of 8.06 mm, 800H/HT had a thickness of 12.15 mm, and 600 had a thickness of 6.40 mm. The use of sample plates with varying thickness was due to limitations in sample availability. The 310S sample pieces exposed for 16,000 h and 24,000 h were cut from the originally 8 mm thick reinforcement plate of the VF next to the position of the sample plates. Thus, all samples were exposed to approximately the same conditions. Fig. 1C shows a photo of the exposed 8000 h alloy sample plates.
In the CFB studied here, gasified ammonia is injected into the cyclone tangential inlets approximately 1.8 m upstream of the windward surface of the VFs (NH 3 in Fig. 1 ) implying an average residence time of around 0.13 s prior to contact with the VFs. The injection was active for around 3000 h/year during the alloy exposures described in this work. The flue gas velocity and temperature, as well as flue gas composition data, are summarized in Table 2 . These data are also representative for the 16,000 and 24,000 h exposure samples. A detailed description of the boiler design, operational parameters, and flue gas composition relevant to the VFs is given in earlier work [1] . The fuel mix, boiler failure statistics, ash composition, and ash transformation, as well as thermodynamic considerations regarding the 50 MWth CFB boiler, are thoroughly described in [22, 23] .
Sample preparation and analytical techniques
After the alloy exposure, the sample pieces were dry-cut with a band saw and ground in a rotary grinder with coarse zirconia-alumina 120 grit paper followed by grinding with SiC grinding paper down to 800 grit (average abrasive particle diameter of 22 μm).
Representative sections of the sample plates were chosen and analyzed with a Carl Zeiss Merlin scanning electron microscope (SEM) equipped with a field-emission gun, a four-quadrant solid-state BSD diode, and an Oxford Instruments X-Max 80 mm 2 EDS-detector together with the Aztec software. The EDS detector has a full width half-maximum (FWHM) energy resolution for Mn kα of 127 eV, an FWHM for F kα of 70 eV, and an FWHM for C kα of 500 eV A 20 kV acceleration potential was used with a beam current of mainly 1000 pA and a system pressure of 1.6 × 10 −6 mbar for all SEM work. The SEM-EDS elemental quantification of N, O, and C in this work should be regarded as semiquantitative because the accuracy of the SEM-EDS analysis does not 
Table 1
Alloy designation, elemental composition, and average grain size according to vendor analysis. The certificates of alloys 600 and 310S lacked grain size specification, why these grain sizes were established via electro-etching in oxalic acid and optical microscopy using the intercept method. accurately reflect the elemental composition of the reference sample materials. However, the precision (repeatability) is rather high, and thus trustworthy elemental maps and relative concentration analyses are possible (especially for N and O).
SEM-EDS line analysis was performed along five lines perpendicular to the original surface and spaced evenly over a sample width of 2.5 mm. Along each line, spot analysis was made every 7.5 μm. The average alloy composition of the outer 1000 μm of all samples was calculated using the composition from 670 spots distributed evenly across these areas of approximately 1000 μm deep by 2500 μm wide. For the 310S sample's average composition analysis, a depth of 5000 μm was also used, resulting in approximately 3300 spots (data collection points) on the specimens. The SEM-BSD imaging and EDS elemental mapping were performed with a 25% image overlap to enable high-quality stitching. As indicated by the headings of the SEM-EDS maps in the results section, energy overlaps in the characteristic Xray spectrum were not taken into consideration when the maps were generated. Overlaps to be aware of in this work are the ones between Cr-Mn, Cr-O, Ti-N, and N-O. The Cr-Mn and Cr-O overlaps result in falsely indicated Mn and O where high concentrations of Cr are found. In the case of Ti-N, high concentrations of Ti falsely indicate the occurrence of N. In the case of the N-O overlap, the Kα peaks are overlapping, meaning that either one of the elements can result in a false and weaker "reflection" of the other element. While the SEM-EDS method used in this work did not consider energy overlaps, the quantification method for spot and line-analysis did.
Taking advantage of the 35°mounting angle of the EDS detector pole piece (relative to the horizontal plane) and a slight tilt of the 310S 8000 h alloy sample plate allowing incident electrons to collide with the unprepared exposed alloy surface and the ground cross-section of the alloy sample, simultaneous imaging of the two perpendicular surfaces was performed to generate images showing possible surface interactions and the effects of these interactions on the superficial cross-section (Fig. 2) .
From the originally 8 mm thick 310S VF reinforcement plate exposed for 24,000 h, a sample of approx. 20 mm × 60 mm was cut out. This sample was broken into halves using a vice and a slight knock with a hammer to expose a cross-section/fracture of the alloy plate unaffected by cutting. The fracture cross-section was photographed and measured with a sliding caliper. The brittle corrosion products were separated from the metallic part with a hammer from one of the subsamples, crushed, and ground using a vibration mill. The thick corrosion product layer was removed from the second subsample using a rotary grinder, exposing the degraded but still metallic part of the alloy sample. The grinding was finished using 500-grit SiC paper to enable xray diffraction (XRD) analysis of the degraded 310S alloy.
XRD data were collected on powdered samples of the corrosion products and on the 500 grit metallic surface using a Bruker d8 Advance instrument in θ−θ mode. The optical configuration consisted of a Cu Kα X-ray source and a Våntec-1 detector. Continuous scans were applied, and the PDF-2 databank together with Bruker software was used.
Chemical equilibrium calculations were made with FactSage 7 using the Fact 2015 databases and with Thermo-Calc 2017b using the TCFE9 database.
Results
SEM back scatter electron (SEM-BSE) overview images of the exposed alloy samples are available in Hagman et al. (2017) [1] . Much of the evidence presented in this Results section is intertwined with evidence from other Results sub-sections. Thus, the interpretation of the results is made mainly in the Discussion section.
Alloy 310S

Surface interaction (310S)
SEM-EDS elemental mapping was used on the 310S 8000 h sample to establish the relative occurrence of alloy constituents, ash deposits, and corrosion products on the exposed surface and the cross-section close to the surface. Fig. 3 shows the elemental mapping of alloy constituents together with oxygen, a BSE, and an secondary electron (SE) image showing the topography of the analyzed sample section to facilitate interpretation. Fig. 4 shows the corresponding images for deposited elements (possible corrosives). The EDS analysis included all detectable elements using a 20 kV electron beam, while Figs. 3 and 4 show only the significant findings. These results highlight the interaction between the combustion environment and the alloy, as well as the alloy surface behavior. Note that the mapping results did not consider possible energy overlaps of the spectrum.
SEM-EDS elemental mapping (310S)
Figs. 5 and 6 show stitched SEM-EDS elemental maps of the 310S 8000 h and 16,000 h sample cross sections, respectively. The images were tuned so that random noise is slightly visible in the background of the images in order to guarantee that no information was lost. Some horizontal guidelines were added to the figures to facilitate the discussion of these results.
Elemental bulk and line analysis (310S)
Using SEM-EDS line analysis data from the remaining parts of the originally outer 5000 μm of the reference, 8000 h, and 16,000 h 310S alloy sample cross-sections (including areas suffering from internal attack), the average bulk compositions were calculated. Fig. 7 shows a schematic of which areas were analyzed, and Fig. 8 shows the bulk composition of the remaining parts of the alloy cross-sections. In the case of the 310S reference sample, the average elemental composition was estimated based on line analysis data across a cross-section of 5000 μm × 2500 μm (remaining depth × width). In the case of the 8000 h sample, the remaining cross-section had been slightly reduced (as a result of material loss) to approx. 4980 μm × 2500 μm, and for the 16,000 h sample the remaining surface area was 4250 μm × 2500 μm.
The depth of 5000 μm for the line analysis in Fig. 8 was chosen to enable comparison with the 16,000 h sample that had lost around 750 μm from its surface. Fig. 8 shows a small but from a mechanistic point of view significant composition change during the first year of exposure, including an alloy pickup of N, O, Na, and S and a small decrease of Fe. The composition change during the second year of exposure included a major loss of Fe, Cl making an entrance, a major increase of S together with Mn, and further increases in N, O, and Na.
To facilitate a quantitative comparison with the alloy 600 8000 h sample, which had a limited depth of attack, the average composition change of the more heavily affected outer 1000 μm of 310S was also calculated for the reference and 8000 h samples according to the schematics shown in Fig. 7 (see Fig. 9 ). Fig. 9 , also showing the composition change during the first year of alloy 310S exposure, gives a somewhat different image, supporting a large and early loss of Cr, some loss of Fe, but no significant concentration change in Ni. The increase of N, O, Na, and S was even clearer in the 1000 μm approach than in the 5000 μm approach shown in Fig. 8 . However, no increase of Cl was indicated as a result of the 8000 h exposure. Furthermore, the SEM-EDS analysis indicated that the carbon concentration of the outer 1000 μm of the alloy decreased during the initial 8000 h of exposure.
Fig. 3. SEM-EDS elemental mapping of alloy 310S constituents on the surface (upper part of images) and superficial cross-section (lower part). SEM-EDS images are
superposed on SE images with 45% opacity, and SE, O, and BSE images are included to facilitate interpretation. Fig. 4 . SEM-EDS elemental mapping of deposits and oxygen on the surface (upper part of images) and superficial cross-section (lower part). SEM-EDS-images are superposed on SE images with 45% opacity, and SE and O images are included to facilitate interpretation.
Spot analysis (310S)
When imaged with the SEM-BSD setup, the as-received austenitic (solid solution) alloy 310S display in principle only a solid gray color. Fig. 10 shows a SEM-BSD image of the heavily corroded 310S 16,000 h sample cross-section ( SEM-EDS analysis of the matrix and precipitates (Fig. 10 ) indicated that the light grey precipitates below line C16 were carbon-rich (8 wt %) and contained no nitrogen. The grey precipitates between line B16 and C16 contained on average 5 wt % N and an indicated level of C of 4.5 wt %. The dark grey precipitates above line B16 showed a still stronger presence of N (18 wt %) and an even lower carbon concentration (3.2 wt %). In the dark grey precipitates, O (3 wt %) and a minor presence of S were found.
XRD analysis of degraded alloy and corrosion products (310S)
After 24,000 h of VF 310S alloy service life, a part of the originally 8 mm thick reinforcement plate was removed and reduced in size for analysis. Fig. 11 shows a sample piece that was so brittle it could be broken by hand.
XRD analysis was performed on the subsamples prepared from layer A and layer B of the sample plate shown in Fig. 11 . The elemental occurrence of the 16,000 h 310S sample SEM-EDS analysis was used to filter out possible phases. The results indicated that both carbides and nitrides formed during the alloy degradation. Carbon-rich carbides (CrFe 7 C0.45, Cr 2 C 3 , and Cr 7 C 3 ) were found mainly in the still metallic subsample, while less carbon-rich carbides (M 23 C 6 ) were found in both the corrosion product and the metallic layer. Nitrogen-rich chromium nitrides and nitrogen-poor iron nitrides were found in both the metallic and corrosion product subsamples. Fig. 12 shows the SEM-EDS relative concentration maps of the major alloy constituents of 800H/HT together with N, O, S, and Si.
Alloy 800H/HT
SEM-EDS elemental mapping (800H/HT)
Bulk and line analysis (800H/HT)
Fig . 13 shows the average elemental composition change of the outer 1000 μm of the 800H/HT sample plate cross-section from the reference sample to the 8000 h exposed sample.
The main compositional change during the alloy 8000 H/HT 8000 h exposure included a major decrease in Cr and Fe content, a significant increase in N, O, Na, S, and Cl uptake, as well as increases in the Ni and Mn concentrations. No carbon analysis was included for alloy 800H/HT because the superficial cross-section was too broken for a carbon analysis of the outer 1000 μm to give clues regarding the primary breakdown mechanisms.
Alloy 600
SEM-EDS mapping (600)
The SEM-EDS mapping of the in-depth effects of degradation of the alloy 600 8000 h sample is presented in Fig. 14 . The alloy showed significant amounts of both Ti and Al that were not declared in the alloy certificate. Fig. 15 shows how the average elemental composition of the alloy 600 sample cross-section changed during the 8000 h of exposure. The data collection was limited to the outer 1000 μm of the alloy 600 plate cross section in order to highlight the composition change of the affected section of the sample piece.
Bulk analysis (600)
The alloy 600 8000 h sample showed limited composition change compared to the original material, including a minor decrease in Cr, an indicated decrease of N, and increases in S and O.
Compiled results -alloy 310S, 800H/HT, and 600
Surface scale composition (310S, 800H/HT and 600)
Fig . 16 presents the average elemental composition of the surface scale cross-sections of the 310S, 600, and 800H/HT 8000 h sample plates. These alloys all had non-continuous surface scales with an irregular thickness that varied from "zero" to approximately 40 μm, 35 μm, and 50 μm respectively. The composition data show that 310S and 800H/HT had principally the same type of surface scale composition, which was dominated by Cr, O, and Fe, having only minor concentrations of Ni and Mn, and a substantial presence of Na. Alloy 600, in contrast, had a scale consisting of principally equal amounts of O, Cr, Fe, and Ni and lacking a substantial presence of Na, Mg, and Mn.
Alloy matrix Cr depletion (310S, 800H/HT, 600)
The elemental matrix composition was investigated using SEM-EDS for the 310S, 800H/HT and 600 8000 h samples. Spot analysis was used to exclude all visible precipitates from the data collection in order to Fig. 7 . In-scale schematic of the sample cross-sections analyzed with SEM-EDS to establish the bulk composition and the composition change over time, as shown in Fig. 8 (5000 μm depth) and Fig. 9 (1000 μm depth) . Fig. 8 . Average elemental composition of the remaining part of the outer 5000 μm of the reference, 8000 h, and 16,000 h exposed samples according to SEM-EDS analysis. The primary Y-axis refers to Cr, Fe, and Ni, and all other elements refer to the secondary Y-axis. The oxygen bar of the 310S 16,000 h sample is truncated, and its value (8.8 wt %) is displayed next to the bar. determine the concentration of still readily mobile alloy constituents. Fig. 17 summarizes the Cr concentration in the alloy matrixes as a function of the depth from the original surface. Because the spot analysis was not done deep enough to include where the Cr concentration of the 800H/HT 8000 h alloy sample matrix reached the nominal concentration, line analysis data were also included for 800H/HT. The 800H/HT -8 Line in Fig. 17 describes the average elemental composition of both alloy precipitates and matrix and shows that the nominal Cr concentration was reached at a depth of around 1570 μm. Fig. 17 highlights the behavior of Cr diffusion from the alloy bulks to the corroded alloy surface regions.
Internal precipitate composition (310S, 800H/HT, 600)
SEM-EDS was used to quantify the elemental composition of the dominating precipitates formed during the 8000 h alloy exposure, see Fig. 5 (310S), Fig. 12 (800H/HT), and Fig. 14 (600) for SEM-EDS elemental overview maps. Note that the mapping results did not take energy overlaps into consideration, while the spot analysis did. The XRD analysis described earlier, together with thermodynamic equilibrium calculations, was used to verify the chemical speciation indicated by the SEM-EDS setup.
Nitrogen Cr was the only major nitride former in 310S, and Cr nitrides were found down to a depth of at least 950 μm. Precipitates with a nitrogen concentration of up to 11 wt % and up to 83 wt % Cr, as indicated by SEM-EDS, dominated the precipitates along the internal corrosion front at a depth of around 600-650 μm from the original surface. In the less nitrogen-rich precipitates, Fe could also be found in varying amounts to replace up to 30 wt % of the Cr.
For alloy 800H/HT, nitrides were found in excess from a depth of 400 μm down to 1600 μm and in smaller amounts down to 1900 μm. The nitrides within the depth interval of 400-1300 μm were dominated by Cr and Al, with some occurrence of Ti nitrides. Al-rich (40-47 wt %) precipitates contributed to forming nitrogen-containing precipitates with up to 19-22 wt % N together with some Cr. Below 1300 μm, Al dominated as a nitride former, and below 1600 μm only Ti seemed to form nitrides. In the interval 1100-1500 μm, nitrides formed to a significant extent along GBs. Fe was included in many of the nitrogencontaining precipitates. 13 . Average elemental composition of the remaining part of the outer 1000 μm cross-section of the alloy 800H/HT reference and 8000 h exposed samples according to SEM-EDS analysis. The primary Y-axis refers to Cr, Fe, and Ni, and all other elements refer to the secondary Y-axis. The oxygen bar of the 800H/HT 8000 h sample is truncated in the figure, and its height was 6.7 wt %. The spot analysis showed no indication of nitride formation in alloy 600.
Sulfur In alloys 310S and 800H/HT, the EDS analyses indicated the precipitation of both chromium-rich and manganese-rich sulfides. In 310S these sulfur-rich phases were found to a depth of about 550 μm from the original surface, in alloy 800H/HT they were found to a depth of about 1000 μm, and in alloy 600 they were found to a depth of about 900 μm. Cr was the dominating sulfide former, typically forming precipitates with 35-54 wt % Cr and 28-36 wt % S.
In 800H/HT, the sulfur-rich precipitates at 500-1000 μm clearly formed a pattern coinciding with the GBs, seemingly outcompeting the nitride formation where the Cr concentration was reduced.
In 310S, Mn-S-rich precipitates were found around the sulfur penetration front at a depth of 500-530 μm, coinciding with the chromium depletion depth.
In alloy 600, one of thirteen sulfur-rich precipitates was rich in Mn (14 wt %).
In 800H/HT, some Ti-S precipitates were also found throughout the sulfur penetration region.
In the less sulfur-rich precipitates of the alloys, significant amounts of Fe and Ni were included.
Oxygen
In the 310S alloy, the oxygen-rich precipitates below the surface scale were dominated by silicates, Si being the only major internal oxide former in the 310S 8000 h sample.
In alloys 800H/HT and 600, Si was the dominating oxide former below the surface Cr oxide scale, while deeper down Al and Ti replaced Si and formed oxides along the GBs containing up to 50 wt % metal. Al mainly occurred together with N and O and to a lesser extent formed carbides and sulfides (800H/HT). Ti was more ambiguous than Al and Si, occurring together with N, O, S, and at greater depths also with C.
Carbon In 310S and 800H/HT, SEM-EDS indicated significant carbide formation below the N front. At temperatures of 880°C in austenite structures, this indicates a significant increase/enrichment of the carbon concentration. In the case of 310S, the original carbon concentration was 0.05 wt % according to the vendor's analysis (Table 1) . Calculations with Thermo-Calc showed that the maximum solubility of carbon in 310S at 880°C was 0.15 wt %, indicating that the concentration of C had increased over three times in order for the precipitates to form.
In alloy 600, some indications of increased carbide formation were found below the major penetration of oxygen at a depth of 500-800 μm.
Discussion
This article addresses the key mechanisms of alloy breakdown in a chemically diverse system, and interactions that are judged to have no decisive effects on the alloy breakdown are therefore left out. After some comments regarding GB and grain diffusion, XRD and equilibrium calculation results, and a description of the deterioration of the mechanical properties of the VF alloy construction material, this discussion consist of two main parts.
The first part, 5.1 Alloy surface interactions, includes the first two groups of mechanisms mentioned in the introduction of this article:
1 Reactions in the gas/alloy interface. 2 Breakdown of species and alloy uptake of elements.
The second part, 5.2 Bulk composition change and internal mass transport, includes the remaining two groups mentioned:
3 Reactions between alloy constituents and elements entering the alloy. 4 The mass transport of molecular corrosives. Internal microstructure and diffusion rates of the original alloys Alloys 310S, 800H/HT, and 600 all have an austenitic structure. For austenite, an effective GB width of 0.5-0.6 nm has been established practically independent of the alloy composition (Hertzig and Mishin (2005) [6] ). In the same work, Herzig and Mishin also summarized alloy diffusion data from multiple sources, concluding that the selfdiffusion rate in multi-crystalline face centered cubic (FCC) structures is 4-5 orders of magnitude higher in GBs than in surrounding crystals at a temperature of around 900°C. For the present study, this means that also for large-grained alloys like 800H/HT, originally having an average grain size of around 100 μm, the total self-diffusion mass transport of metals is over five times larger in the GBs than in the grains. As mentioned in the introduction, for the smaller elements such as C and N, the grain diffusion occurs via a significantly faster interstitial diffusion mechanism compared with metals, which are more dependent on GBs or on defects in the alloy.
XRD and equilibrium calculation results Results from the XRD analysis of the 24,000 h exposure sample (Section 3.1.5), as well as equilibrium calculations, showed that there was a formation of primarily Cr nitrides in the alloy and that there was substantial carbide formation in the degraded but still metallic alloy plate below the nitride and oxide-rich layers of the degraded alloy plate.
Deterioration of mechanical properties Severe GB attack results in GB segregation, reducing the alloy integrity, which, in turn, facilitates mass transport of corrosive species into the alloy. As the penetrating corrosives form precipitates in the alloy, the hardness, brittleness, and internal stress increase. In addition, for example, the formation of volatile metal chlorides in the GBs results in even more defects, voids, and GB segregation. The stress buildup, the GB segregation, and the increased brittleness result in alloy plate deformation, crack formation, and ultimately, if the VFs are not replaced in time, disintegration of the alloy plates and loss of VF functionality.
Alloy surface interactions
This discussion of surface interactions is limited to effects occurring within the first year of operation, before the surface scale had completely lost its protective properties. In earlier work by [22, 23] , the elemental mass balance, flue gas speciation, ash transformation, and ash speciation of the present CFB boiler have been thoroughly analyzed and described using FTIR, SEM-EDS, XRD, and chemical equilibrium calculations. Based on the results from previous work, together with the results from the present work and supporting chemical equilibrium calculations, some conclusions regarding surface interactions can be drawn.
310S surface interactions
Based on the results obtained in this work, and specifically those in Figs. 3 and 4 showing the elemental surface interaction of 310S, the following conclusions can be made:
Ca, P The observed Ca and P on the alloy surface were present in the form of highly stable calcium phosphate ash particles (hydroxyapatite and whitlockite) that did not interact with the alloy.
Si, Al, K, (Na)
The main parts of the surface Si, Al, and K, and some of the Na found on the surface, were in the form of deposited silicate ash particles that did not interact with the alloy.
Mn
The indicated presence of Mn in the surface region was most probably an artifact arising from the EDS peak overlap discussed earlier -however, there are some studies [9] indicating that the evaporation of Cr can result in an enrichment of Mn. In areas where no Cr is indicated, the indicated presence of Mn can be trusted.
Fe, Ni
The rich presence of Fe on the surface mainly correlated with oxygen, as expected, due to the relatively weak affinity of Fe for other elements than O. Hardly any Ni was exposed on the scale surface, which is to be expected because the reactivity and mobility of Ni are relatively low.
Cr, Na, K, S Cr, O, and Na dominated the outer surface of the alloy scale and showed a strong spatial co-occurrence (Figs. 3, 4) . According to equilibrium calculations, Na 2 Cr 2 O 4 and/or Na 2 CrO 4 will form depending on the oxygen partial pressure. In contrast, under the same conditions, the formation of K-Cr-O species is less thermodynamically favorable than an exclusive Cr 2 O 3 formation, resulting in no interaction between K and Cr. This might be one reason why no positive correlation between K and Cr was found in this work. Equilibrium calculations show that the Na transition from both NaCl and Na 2 SO 4 to Na 2 CrO 4 and/or Na 2 Cr 2 O 4 is thermodynamically favorable depending on the SO 2 and oxygen activity. According to the Fact database (2015), Na 2 CrO 4 melts at 794°C, while no melting temperature data are available for Na 2 Cr 2 O 4 in this database. However, data from Barin and Platzki (1995) [24] show that pure Na 2 Cr 2 O 4 melts at 792°C. Based on the properties of Na 2 SO 4 and NaCl and their global concentrations in the boiler, Na 2 SO 4 will be present as a soft solid and/or as a melt because the temperature of the combustion gases fluctuates around the melting temperature of pure Na 2 SO 4 (884°C), while NaCl will be gaseous. The elemental maps also show a significant co-variation between Na, S, and O on the alloy scale surface, which could indicate that the Na 2 SO 4 melt is causing rapid mass transport (and reaction) with the VF alloy surface. The Na-S-O found on the surface of the scale penetrate the surface scale to a depth of a few tens of micrometers. Below the scale, an S-Cr correlation was observed where the oxygen potential was low enough to allow sulfide formation. As mentioned in the results of the spot analysis, Cr was the main bulk sulfide former for 310S, while Si was the major internal oxide former.
To sum up the interaction between Cr-O-Na-K-S in this VF application, our experimental results support the assumption that Na 2 SO 4 deposits on the alloy chromia scale and that it reacts and forms Na-Cr-O compounds, thus allowing elemental S to penetrate into the alloy bulk to form sulfides. In lower temperature systems, for example, in superheaters, the formation of the Na-Cr-O compounds probably contributes to the formation of low-quality alloy surface scales that increases scale spallation according to the mechanisms first described by Pilling and Bedworth (1923) [2] and later affirmed by Kofstad (1985) [3] . In this application, where the higher temperature probably results in Na-Cr-O melt in the outer part of a degraded chemically and structurally complex alloy material, the effect of the superficial melt formation on the corrosion behavior is difficult to assess. However, because a significant part of the Na-Cr-O compound formation originated from Na 2 SO 4 , the formation results not only in melt formation, but also in a release of elemental sulfur. Thus, the occurrence of Na 2 SO 4 in the flue gas significantly increases the alloy sulfur pickup compared to K 2 SO 4 . The strong interaction between the sodium sulfate and alloy surface is amplified by the fact that sodium sulfate occurs as a melt in contrast to the higher temperature melting potassium sulfate, meaning that the more adverse alloy surface effects of sodium sulfate originate both from more efficient mass transport to the surface and significantly higher reactivity with the alloy chromia layer. N In the lower part of Fig. 3 , there is evidence of a significant nitrogen alloy uptake. Nitrogen is present in the combustion gas mainly as N 2 and NH 3 . As is well known, NH 3 decomposes at high temperatures in contact with metals, resulting in the rapid pickup and rapid diffusion of elemental nitrogen into the alloy. At a depth where the oxygen activity is low enough, nitrides are formed. At elevated temperatures, nitrogen pickup from N 2 can also be significant, as exemplified by the work of Zheng and Young (1994) [13] . C
The SEM-EDS mapping of 310S indicated the presence of C on the surface and some penetration of carbon-containing species into pores in the surface scale, but no C was indicated in the alloy bulk close to the surface (310S 8000 h sample).
Alloy 800H/HT and 600 surface interactions compared to 310S
The similarities between 310S and 800H/HT from a surface interaction point of view are clearly shown in Fig. 16 where the alloy surface scale compositions of 310S, 800H/HT, and 600 are summarized. The 310S and 800H/HT alloys had principally the same surface scale composition, as mentioned in the results section. Alloy 600 on the other hand, displayed a different scale and alloy surface interaction behavior, having a scale composed of principally equal parts of O, Fe, Ni, and Cr, in contrast to the Cr-Fe-O and Cr-Na-O compounds that dominated the scale of 310S and 800H/HT. Alloy 600 showed only limited Cr-Na-O compound formation, and no nitrogen pickup. The principal difference in surface scale properties of alloy 600 likely contributed to the lower corrosion rate of this alloy compared to the alloys with greater amounts of Fe and Cr.
Volatilization
In the present VF application exposing the alloys to temperatures of around 880°C in chlorine and water-containing atmospheres, the rapid formation of volatile species could be expected.
Equilibrium calculations support that CrO 2 (OH) 2 , as suggested by Asteman et al. (1999) [9] , is the Cr species most likely to cause metal loss via evaporation due to the water-rich atmosphere, having a saturation pressure of 10 −5.86 bar at 880°C. This is approx. 150 times higher than the second most volatile hydroxide/oxide species relevant for this work, Ni(OH) 2 at 880°C. Cr is, therefore, more likely to undergo significant mass loss by hydroxide formation than, for example, Mn, Si, Ni or Fe. Cr is also generally present on the alloy surface, while for example, Ni often is not, which should increase the severity of Cr evaporation even more compared to other elements. Looking at volatilization via the formation of metal chlorides as described by, for example, Lee and McNallan (1987) [10] and Grabke (1991) [11] , all metallic alloy constituents (Ni, Fe, Cr, Mn) have saturation partial pressures higher than 10 −2.6 bar at 880°C, which is several orders of magnitude higher than that of the highest metal-hydroxide partial pressure in this study. However, metal chlorides only form where the oxygen partial pressure is relatively low, often below oxide scales, and this is why the formation and mass loss is controlled via relatively slow diffusion in solids as long as the alloys have a relatively intact surface scale. In order for a metal to suffer from rapid mass loss caused by the formation of volatile chlorides, a combination of high metal chloride saturation pressure, a relatively low metal affinity to oxygen, and a high affinity for Cl is needed. In this study, Fe was the alloy constituent that came closest to meeting these criteria and was thus the metal that was most likely to suffer major mass loss from chloridation.
The major loss of Fe that alloy 800H/HT suffered from during the 8000 h of exposure (Fig. 13) and that 310S suffered from after 16,000 h of exposure (Fig. 8) are examples of chloride-driven vaporization and mass loss from the regions below severely damaged surface scales. In both cases, the mass loss of Fe co-occured with a significant increase of the internal Cl and Na concentration, indicating that the Cl can penetrate through the pores of the broken down surface scales as gaseous alkali chlorides. The SEM-EDS maps of Figs. 6 and 12 shows how Cr oxides formed along cracks and pores in the degraded alloys. That the concentrations of Na and Cl increased together, while the concentrations of K and Cl did not, is probably an effect of that the reactions of K and KCl with Cr 2 O 3 are not thermodynamically feasible (see also Section 4.1.1). The interaction between the gaseous KCl and the oxidized interfaces of the cracks and pores is therefore inhibited, which means that Cl in the form of KCl should cause significantly less chloride-induced corrosion and volatilization via chromia interfaces than NaCl.
Surface impaction
Previous work by Hagman et al. (2017) [1] showed that the areas affected by direct particle impaction have approximately twice the corrosion rate compared to areas that are not in the 310S VF application. This might have several reasons:
Huttunen et al. (2011) [19] showed that gas and particle velocities of 10-20 m/s increased the deposition rate, while velocities above 20 m/s resulted in erosion. During the exposure studies, the velocity in the present VF application averaged 14 m/s, indicating that an increased deposition rate of condensed particles should be expected. The moderate flue gas velocity in the present VF application might result in more effective condensed particle transport of sodium sulfate to the areas suffering the most severe attack, thus facilitating the formation of sodium chromates and sulfur uptake.
Tylczak (2013) [20] showed that particle impaction at 20 m/s does not remove the oxide layer completely, but might result in oxide scale crack formation and scale separation from the alloy below leading to a major increase in corrosion rate.
Another possibility is that the NH 3 from the NO x -reduction system might survive longer in the reducing atmosphere near burning particles than in the globally oxidizing gas, thus allowing more NH 3 to interact with the metal where there is also a bombardment of burning particles.
Bulk composition change and internal mass transport
310S
Figs. 5 and 6 show the elemental maps of alloy 310S exposed for 8000 h and 16,000 h respectively, and Fig. 8 summarizes the bulk composition change over time. Limiting this discussion to the key mechanisms of alloy breakdown, Fig. 6 shows how nitrogen penetrates the alloy to a depth of at least 950 μm from the original alloy surface, having a densified front at a depth of 600 μm. Behind the advancing nitrogen front, the Cr concentration in the matrix is reduced from the originally 24 wt % to around 7-12 wt % (Fig. 17) , heavily reducing the alloy's capability to supply the chromia layer at the alloy surface.
Comparing Figs. 5 to 6, it is evident that sulfur and oxygen enter the alloy interior in the wake of the heavy nitride formation, converting the Cr nitrides into more thermodynamically favorable sulfides and oxides. As the more stable sulfides and internal oxides are formed, the transport of Cr to the already broken alloy surface is reduced even more than what is caused by the nitride formation. Ahead of the nitrogen front in Fig. 6 , below reference line C16, an elevation of the carbon concentration is found. This local increase of the carbon concentration is not mainly a result of carbon penetration from the alloy surface (where carbon-containing species are found), but instead is a result of the fact that the interstitial nitrogen atoms outcompete the carbon originally taking up interstitial space in the austenite FCC crystals, thus pushing the carbon in front of the advancing nitrogen front. Over time, this increases the carbon concentration enough for carbides to precipitate. Work by Larsson and Ågren [25] (2004) also present evidence that supports this phenomenon.
For alloy 310S, the precipitation of carbides in front of the nitrides and the subsequent conversion of these carbides to nitrides, with further conversion of nitrides to oxides and sulfides as the two latter elements advance, are supported by Fig. 10 and the related spot analysis summarized below the figure, as well as by Figs. 5 and 6. In addition, the bulk SEM EDS analysis of the outer 1000 μm of the reference and the 8000 h sample indicated an initially decreasing carbon concentration during exposure, which further supports that the penetration of interstitial N "pushes" C deeper down into the alloy bulk. In addition, as mentioned in the Precipitate analysis section, equilibrium calculations using Thermo-Calc showed that the maximum carbon solubility in pristine 310S alloy is 0.15 wt % at 880°C. Assuming that all of the 0.05 wt % of the original 310S alloy carbon (Table 1) is pushed down to the approx. 500 μm wide carbide precipitation band centered around an average depth of 3750 μm (Fig. 6) , a mass balance calculation shows that the resulting average carbon concentration within this band could be as high as 0.4 wt %. Because it is not likely that 100% of the carbon is pushed down to the carbide precipitate band, and because the increased carbon concentration in front of the nitrogen front should result in carbon diffusion below/beyond the visible carbon precipitates, the real average concentration within the band of the carbide precipitates is probably lower. However, because the estimation supports a carbon concentration of up to 0.4 wt %, which is significantly higher than the maximum carbon solubility for the alloy, the mass balance estimation also supports the nitrogen-induced carbide formation that has been suggested.
800H/HT
As mentioned earlier, from a surface interaction point of view alloy 800H/HT seems to perform quite similarly to 310S, as shown by both their relatively similar surface scales (Fig. 16 ) and similar metal thickness loss (previous work [1] ). However, below the surface scale some major differences can be seen. First, the large-grained alloy 800H/ HT (Table 1) seems to suffer from a less homogenous degradation process, showing a greater tendency for alloy disintegration with larger coherent fields of corrosion products below the surface scale. Second, alloy 800H/HT also contains Al and Ti as strong oxide and nitride formers, Ti also being a strong sulfide former. Third, nitride formation becomes favorable deeper down into the alloy 800H/HT (compare Figs. 5 and 12) indicating a stronger presence of, for example, O and S below the 800H/HT surface scale. Also, when comparing the composition changes from the reference samples to the 8000 h exposed samples of alloy 310 (Fig. 8 ) and 800H/HT (Fig. 13 ) several principal differences can be seen. The increase of all corrosives is significantly higher for 800H/HT, and one can also conclude that the decreases in Fe and Cr concentrations are five times and two times, respectively, as large compared the corresponding loss for 310S during the 8000 h exposure. In fact, the alloy bulk composition change of the 800H/HT alloy during the 8000 h exposure was more similar to the change of 310S during 16,000 h of exposure. Comparing the elemental mapping of the 310S (Fig. 5) and 800H/HT 8000 h bulk (Fig. 12) , one can see that both nitrogen and sulfur penetrated twice as deep as in 800H/HT. In 800H/ HT, Cr and Al nitrides formed along the GBs at a depth around 1200 μm, while in the 310S alloy the nitride formation seemed more uniform.
Alloy 600
The alloy 600 bulk composition change after 8000 h of exposure showed that there was a significant pickup of oxygen and sulfur and a small loss of Cr (Fig. 15) . The Cr loss could be due to scaling, wear, or volatilization via chloride or hydroxide formation. However, in contrast to the 310S and 800H/HT alloys, alloy 600 analysis results indicated a small decrease in the nitrogen content during the exposure, which could be explained by the oxygen and sulfur increase that possibly could outcompete the original alloy nitrogen.
Cr diffusion in degraded samples (310S, 800H/HT, 600)
In Fig. 17 , showing the alloy matrix Cr concentration of the three 8000 h exposure alloy samples, alloy 600 shows a principally sound linear alloy matrix Cr concentration gradient, describing a sound activity-driven Cr diffusion from the chromium-rich bulk towards the low Cr activity in the surface scale. This means that while the chromium sulfide formation and internal oxide formation reduces the Cr activity of alloy 600, the formation of these precipitates does not block the Cr transport (as shown by the linear behavior of the Cr concentration gradient). Also, as long as there is excess Cr and Fe available for sulfide formation, low melting temperature Ni sulfide formation should cause little problem. In all, the behavior of alloy 600 during corrosion attack in this application seems to be predictable over time.
For 310S and 800H/HT, the alloy matrix Cr concentration gradients are not linear (Fig. 17) . Both alloys show thresholds in the Cr (matrix) concentration at the depth where the major nitride formation is found. The concentration thresholds found at a depth of 600 μm in 310S and at 1500 μm in 800H/HT prove that the internal nitride formation not only lowers the amount of readily available Cr contributing to the maintenance of the critical Cr oxide layer, but also creates a barrier for Cr transport from the Cr rich and still relatively unaffected parts of the alloy bulk to the surface region. The findings of this work, showing that the Cr nitrides can create a concentration threshold by reducing the alloy permeability, are supported by previous work by Zheng and Young (1994) [13] where they studied alloy scale formation morphology in CO-CO 2 -N 2 atmospheres. Our results also indicate that the large grains of 800H/HT inhibit the Cr transport further (having less GB cross-sectional area than small-grained alloys like 310S (Table 1) ), while having only limited effect on the amount of interstitially diffusing N (not being as dependent on GB diffusion) resulting in an earlier surface scale failure and an overall larger and more rapid pickup of corrosives compared to the 310S alloy. In Fig. 12 , showing the SEM-EDS mapping of alloy 800H/HT, nitride formation can be seen along the GBs, which probably worsens the adverse effect on the 800H/HT Cr transport even more according to the reasoning above suggesting that the nitrides have the ability to reduce the permeation of Cr while still allowing permeation of N.
The Cr concentration in the 310S 16,000 h sample between lines A16 and B16 in Fig. 6 is relatively low at a depth of around 3000 μm. Fig. 5 shows the same, but smaller, Cr concentration gap around 500 μm just above line A8. In both of these gaps, neither nitrides nor oxides dominate. Spot analysis showed that the Cr concentrations in the matrix of these gaps are typically 11-13 wt % where the Cr nitrides seem to decompose making Cr mobile again. As summarized by Lai (2007) [26] , a Cr concentration of over 18%wt is generally needed in Cr-Fe steels to form a dense oxide layer exclusively consisting of Cr oxides, and often an increase in the Cr concentration of up to 25% further improves the oxidation resistance of alloys. This is also in line with the mass transport criterion earlier formulated by Wagner (1952) [5] . Altogether, the nitride formation seems to immobilize Cr from the nominal effective concentration of around 24% down to 13 wt % or lower, thus heavily reducing the corrosion resistance of the alloy. The same nitride decomposition effect and Cr concentration gap can also be seen in the large-grained alloy 800H/HT, indicating the same Cr concentration levels for the decomposition of Cr nitrides. However, in the case of alloy 8000 H/HT, this depletion is not seen at a well-defined depth as for the relatively finely grained 310S, but is seen along the GBs between the relatively large 800H/HT grains.
Effect and mass transport of Cl (310S, 800H/HT, 600)
SEM-EDS analysis showed the presence of Cl below the damaged surface scales in both the 310S 16,000 h (Fig. 8) and the 800H/HT 8000 h alloy samples (Fig. 13) . Also, line analysis and bulk analysis (Figs. 8 and 13 ) showed a co-occurrence between Cl and Na in these alloy samples, indicating that the Cl might be transported through the degraded alloy scale as molecular NaCl (g) to a depth of around 350 μm (800H/HT 8000 h) and 2400 μm (310S 16,000 h). The exposed 8000 h samples of alloy 600 and 310S showed no signs of Cl pickup or Na below the surface scale.
Discussion summary
This work shows that it is the internal nitride formation that rapidly disables the protective mechanism of the 310S and 800H/HT alloys used in the present work (as well as 253 MA studied in earlier work [1] ). The rapid inactivation of the originally dense and protective chromia surface layer is caused by the ability of Cr nitrides to reduce the permeability of Cr while also reducing the Cr activity of the alloy. Additionally, we have shown that internal nitride formation is more detrimental than the formation of equal amounts of, for example, sulfides or oxides because the latter two do not block the internal transport of Cr. Further, when the principally important and dense chromia layer has broken down, other corrosives can penetrate the alloys, and in the fully developed stage of alloy breakdown gaseous molecular species like NaCl, CrCl 2 , and FeCl 2 also diffuse in and out from the alloy interior via cracks and pores, thus accelerating the alloy breakdown of Fe and Cr rich alloys to rates on the order of 10 mm per year.
Conclusions and recommendations
For alloys 310S and 800H/HT, it was found that:
1 Na 2 Cr 2 O 4 and/or Na 2 CrO 4 melts form on the surface scales, which might affect the behavior of the surface scale. 2 Nitrogen penetrates the surface scales to form Cr nitrides in the alloy interiors, thus reducing the alloy's ability to maintain a dense and protective surface chromia scale via two mechanisms: a The internal nitride formation lowers the Cr activity of the alloy bulk, resulting in a lowering of the effective Cr concentration from the nominal 24 wt % (310S) and 21 wt % (800H/HT) to below 13 wt %. b Cr nitrides can inhibit the alloy permeation of Cr from the Cr-rich alloy bulk to the Cr-depleted surface region. 3 In a more developed stage of degradation, S, O, and Cl attack the alloy interior, reducing the integrity of the alloys and resulting in rapid mass loss and crack formation.
For alloy 600 it was found that the oxide scale composition has a principally different composition than 310S and 800H/HT. No major Na-Cr-O formation was found in the alloy surface scale, and no nitrides were found in the alloy. Additionally, sulfides and oxides formed below the surface scale, but while both of these also lowered the Cr activity of the alloy matrix, neither inhibited the activity-driven mass transport of Cr to the surface scale.
We conclude that NaCl and Na 2 SO 4 , via the formation of Cr-Na-O compounds and the resulting release of elemental Cl and S, are more adverse to the alloy chromia scales and alloy internals than KCl and K 2 SO 4 . Also, Na 2 SO 4 is more adverse than K 2 SO 4 from an initial masstransport point of view because of the lower melting point of Na 2 SO 4 .
In all, it is recommended that alloys with low solubility of nitrogen, such as Ni-base materials, be employed in this application. If FeCr-dominated alloys are used, the injection of ammonia or the combustion of, for example, nitrogen-rich biomass should be done in a way that decreases the VF's exposure to highly reactive elemental N. Additionally, a reduction of the Na content of the fuel, and a limitation of the combustion temperature below the Na 2 SO 4 melting temperature of 884°C, should limit the interactions of Na, Cl and S with the chromia scales and alloy internals.
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